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Abstract 


The paper summarizes and discusses the basic properties of solid oxide fuel cell (SOFC) components (electrode materials and electrolyte) 
from the point of view of their essential functional parameters like chemical stability, transport, catalytic and thermomechanical properties under 
operational conditions in a SOFC. An interrelation between the defect structure of these materials related to oxygen nonstoichiometry and their 


electrical properties and catalytic activity was shown. 
© 2007 Elsevier B.V. All rights reserved. 
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1. Introduction 


A considerable interest in the fuel cells technology, observed 
in recent years, is related to the possibility of the direct conver- 
sion of the energy, stored within the fuels containing hydrogen, 
into electrical energy with the high efficiency. A relative simplic- 
ity of such devices, their high efficiency, silent work (absence of 
the movable mechanical parts), together with very low produc- 
tion of pollutants are in favor for this technology to be a future 
energy source. Among a wide group of the fuel cells, the solid 
oxide fuel cells, SOFC, are of the special interest [1-4]. The 
commercialization of SOFC is associated with the construction 
of stationary generators with powers in the range I kW-1 MW, 
although the technologically advanced papers on the application 
of the micro fuel cells for the portable electronic devices also 
have been published [5]. 

However, the widespread of this technology is impeded 
because of several factors, resulting, among others, from the 
properties of the electrolytes and the electrode materials. 
Another reason is that the reaction proceeding in the cell requires 
a relatively high temperature. The conductivity of an YSZ 
(yttria stabilized zirconia) electrolyte, currently being in use, 
reaches the required conductivity of oxygen ions, 107! Scm7!, 
at around 1000°C. The necessity of using such a high temper- 
ature causes considerable disadvantages, such as short lifetime 
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of the cell, being a consequence of a thermal degradation and 
corrosion of the materials, and the side reactions occurring at 
the electrode/electrolyte interface. Also, it poses hindrance for 
the miniaturization, operational safety and low costs. There- 
fore, a strategic aim of the SOFC technology development is the 
reduction of the working temperature down to 600—700 °C. This 
would allow the use of cost-effective, environmentally benign 
materials, such as chromia-forming ferritic stainless steels, as 
the interconnectors or other constructing elements. In addition, 
thermal degradation processes are decelerated at lower temper- 
atures and it is also possible to shorten the starting time and 
off-time of the generator. 

For the effective performance of the SOFC at the inter- 
mediate temperatures (IT-SOFC), it is necessary to develop a 
new solid oxide electrolyte, characterized by a sufficiently high 
ionic conductivity within this temperature range (of the order 
107! Scm7!), and new electrode materials, working efficiently 
within the temperature range of 600-700°C. The chemical 
stability of the electrode material, its thermomechanical prop- 
erties (mutual matching of the thermal expansion coefficients, 
electrolyte/electrode adhesion), together with microstructural 
characteristics are of equal importance. For further development 
of the SOFC technology, it is necessary to explore the following 
research areas: 


e The catalytic processes of the oxygen reduction and hydrogen 
and hydrocarbons oxidation. 

e Phenomena of the ionic—electronic transport in the ceramic 
materials. 
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e Interfacial phenomena occurring at the electrode/electrolyte 
and interconnector/electrode interfaces. 

Nanomaterials and nanotechnologies. 

e Low-temperature methods of ceramic materials preparation. 
A single chamber fuel cell. 


2. Physicochemical properties and functions of the 
materials for SOFC cells 


A schematic representation of the SOFC cell and the func- 
tions of particular components of the cell are given in Fig. 1. 
These functions can be considered in terms of transport and 
catalytic properties, as well as structural and thermomechanical 
ones. Electrode materials should be porous, so the cathode and 
anode gases could penetrate across, except for the interfacial 
region, in order to intensify the net diffusion of the oxygen in 
this area. 

Cathode material: Ln,—,A,MO3 oxides, where Ln = lanth- 
anides, A =alkali-earth metals, M = Mn, Fe, Co, Ni, with per- 
ovskites structure. Such materials are mixed ionic—electronic 
conductors. Their ionic conductivity results from the devia- 
tion from stoichiometry in oxygen lattice (oxygen vacancies), 
whereas their electronic conductivity stems from a mixed 
valency of M**/M**, depending on the oxygen nonstoichiome- 
try level, the amount and type of dopants. The cathode material 
plays the role of a catalyst in the oxygen reduction. The cathode 
works in the air or oxygen atmosphere, therefore in case of these 
oxides the problem of non-stability is practically eliminated. 

Solid electrolyte: (YSZ, Ce(Gd, Sm)O2) is a mechanically 
resistant, gas-tight sinter preventing fuel from a non-productive 
combustion. The electrolyte is in contact with the oxidizing 
atmosphere at the cathode side, and the highly reductive atmo- 
sphere at the anode side, where the fuel is supplied. Therefore, 
a model electrolyte should exhibit the ionic conductivity exclu- 
sively (with oxygen vacancies being the charge carriers) over 
a wide range of oxygen pressure (I-10~7° atm). The required 
ionic conductivity is about 107! S cm7! at the cell working tem- 
perature. Until now, the material fulfilling the above criteria 
within the temperature range 600-700 °C has not been found. 

Anode material: a Ni/YSZ cermet or Ni/Ce(Sm, Gd)O> is 
a mixed ionic—electronic conductor. The ionic conductivity is 
associated with oxygen vacancies in YSZ or Ce(Sm, Gd)O2. 
The electronic conductivity is related to a conductive percola- 
tion path that is formed in the anode material containing about 


< 


Fig. 1. The microstructure and function of SOFC components. 
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30% wt. of metallic Ni. Conveniently, nickel works as a catalyst 
for the oxidation of fuel. A highly reductive atmosphere at the 
anode is safe for the anodic material and, in addition, improves 
its effectiveness by preserving the catalytically active form of 
nickel and increasing the electronic conductivity in CeO2. 

AII components of the cell should exhibit both chemical and 
thermal compatibility. 


2.1. Electrolyte materials 


Fig. 2 presents the temperature dependence of the ionic con- 
ductivity of different solid oxide electrolytes with the fluorite 
(this structure is considered to be remarkably suitable for a high 
ionic conductivity), perovskite, brownmillerite and apatite-type 
structures. These materials are the potential candidates for the 
electrolyte in SOFC cells. 


2.1.1. ZrOą-based electrolytes 

Stabilized zirconia is a commonly known and widely used 
solid oxide electrolyte, stable within a wide range of both 
reducing and oxidizing atmospheres [4,6]. Pure ZrO2 at room 
temperature has a monoclinic structure, which above 1170°C 
transforms to a tetragonal, and, as the temperature increases 
above 2370 °C, to cubic fluorite structure. The cubic phase exists 
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Fig. 2. The ionic conductivities of the chosen oxide electrolytes [7—13]. 


J. Molenda et al. / Journal of Power Sources 173 (2007) 657—670 659 


up to the melting point at 2680 °C. The stabilization of the cubic 
structure within a wide temperature range (from room temper- 
ature to melting point) is possible, when appropriate aliovalent 
oxides are used as dopants. Simultaneously, the dopants give 
rise to the ionic conductivity of zirconia. 

Clearly, a thermal stability of zirconia is related to the size of 
Zr** ions. These ions seem to be too small to maintain the cubic 
fluorite structure, where there are eight coordinated oxygen ions 
(in the case of monoclinic structure there are six oxygen ions). 
The addition of the rare earth ions stabilizes the cubic struc- 
ture by creating oxygen vacancies. The vacancies are gathered 
around Zr** more likely than around the doping ions, and the 
effective number of the coordinated oxygen ions is about 6 or 7. 

Undoped zirconia exhibits the deviation from stoichiometry 
with the oxidant deficiency (oxygen vacancies, ZrO2_). The 
defect formation is given according to the reaction: 


Oo” = 1/202 + Vo** + 2e- (1) 


If acomplete ionization of defects is assumed (doubly ionized 
oxygen vacancies Vo**), then the equilibrium constant for the 
reaction (1) and lattice electroneutrality condition are as follows: 


K = [Vo**lle |? po! (2) 
[e ] = 2[Vo**] (3) 


By solving the Eqs. (2) and (3) one can obtain the following 
characteristic relations between the concentration of the ionic 
and electronic defects and the oxygen partial pressure: 


[Vo**] + pO> "56 (4) 
and 
[e7] ~ pO." (5) 


It can be found from Eq. (1) that oxygen nonstoichiometry 
introduces the electronic charge carriers, the concentration of 
which is directly proportional to the oxygen vacancies concen- 
tration (2:1). As a consequence, a pure zirconium dioxide is not 
an electrolyte, but is an electronic conductor, because the mobil- 
ity of the electronic charge carriers is few orders of magnitude 
higher than the mobility of ionic defects. 

However, by doping with metal ions of the valency lower 
than +4 and appropriate sizes one can obtain zirconia with a 
stabilized structure and the properties of a solid electrolyte. For 
example, CaO (15%) is incorporated in ZrO2 according to the 
reaction: 


CaOE7Ca;, + Vo** + O5 (6) 


As can be seen, Zr** ions are replaced with Ca** ions. The net 
electroneutrality requires one oxygen vacancy per each Ca?* ion. 
Thus, the increasing amount of Ca?* is followed by the growing 
concentration of the oxygen vacancies. This, in turn, leads to 
a decrease in the electron concentration, so that the reaction 
constant (Eq. (2)) remains unchanged at a given temperature. 
The electroneutrality condition for this case can be expressed as 


p + 2[Vo**] =n + 2[Caz,] (7) 


The following simplified electroneutrality conditions can be 
taken into account: 


1. At very low oxygen partial pressures—the dominating 
defects are related to the nonstoichiometric reaction (1). 
If [Vo**] > [Ca7,], then the electroneutrality condition is 
given by 


n= 2[Vo"*] (8) 


2. For high oxygen partial pressures—the concentration of the 
defects connected with the deviation from stoichiometry (i.e. 
Vo°® and electrons) is low. It is possible that the electronic 
holes would compensate the concentration of the dopant: 


p = 2[Caz,] (9) 


3. At moderate oxygen partial pressures (the electrolyte prop- 
erties regime)—the concentration of the oxygen vacancies is 
controlled by the concentration of the dopant: 


[Vo**] = [Caz,] (10) 


4. The intrinsic regime—where n =p, is impossible, because of 
a wide energy band gap of ZrO2 (4.5 eV) and high concen- 
tration of the dopant (15 at.%). 


A schematic representation of the relationship between the 
concentration of the ionic and electronic defects and oxygen par- 
tial pressure for the ZrO2—15 at.% CaO system is shown in Fig. 3. 
The interesting regime of the moderate oxygen partial pres- 
sures, where [Vo**] = [Cay], that is where zirconia exhibits 
the properties of a solid oxide electrolyte is remarkably wide. 


Log [def] 
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Fig. 3. A schematic dependencies of the ionic and electronic defects as a function 
of the oxygen partial pressure for the ZrO2—15 at.% CaO system. 
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For example, at the temperature of 1200°C zirconia acts as a 
solid electrolyte at the oxygen partial pressure within the range 
of 37 orders of magnitude, i.e. from 4 x 10° to 6 x 1073! atm. 

YSZ—yttrium-stabilized zirconia is stable within a slightly 
narrower range of the oxygen partial pressures, as compared with 
CaSZ. Nevertheless, this range is still sufficient for the SOFC 
applications. In addition, YSZ shows higher ionic conductivity 
(Fig. 2). There are many benefits accruing from the application 
of the solid electrolytes based on doped zirconia, as these mate- 
rials exhibit good mechanical properties. Still, the construction 
of a cell, where the denser layer of the electrolyte works as a 
support, requires high mechanical resistance; therefore the elec- 
trolyte layer must be at least about a hundred micrometer thick. 
Consequently, with the increasing thickness of the electrolyte 
layer the internal electric resistance of the cell also increases, 
leading to a drop in the effective power of the cell. 

The major disadvantage of these electrolytes is their 
insufficiently high ionic conductivity within the temperature 
range of 600—700°C. Among the electrolyte materials based 
on the zirconia doped with rare-earth elements the highest ionic 
conductivity is acquired for the system 11 at.% Sc203-—ZrO2. 
The ionic conductivity of the 11 at.% Scz03-ZrO? is about 
0.15Scm7! at 800°C, therefore is similar to those obtained for 
8YSZ at 1000 °C [14]. Such high values result from small distor- 
tions introduced into the crystal lattice by the Sc** ions (0.87 A), 
substituting the Zr** (0.84 A). Fig. 4 presents how the ionic radii 
of the dopants affect the value and the activation energy of elec- 
trical conductivity of zirconia [14,15]. An increase of the ionic 
radius of the dopant stabilizes the fluorite structure of zirconia, 
decreases the conductivity of oxygen vacancies and concomi- 
tantly increases the activation energy of the conductivity. Still, 
the application of scandium oxide carries several disadvantages, 
such as high cost of this material, ageing processes occurring 
at high temperatures for the dopant concentration higher than 
10 at.% and difficulties in obtaining a dense sinter [16,17]. 

There are two possible approaches to improve the electri- 
cal conductivity of the zirconia-based electrolyte. One requires 
a further development of the fabrication techniques of thin, 
gas-tight YSZ layers [18]. Another approach is to modify the 
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Fig. 4. The influence of the ionic radii of the dopant on the ionic conductivity 
and the activation energy for ZrO2-based electrolytes. Data taken from [14,15]. 


microstructure of the zirconia, e.g. by introducing a small 
amount of Al203 that changes the properties of the grain bound- 
aries, by facilitating the sintering process and the total electrical 
conductivity of the electrolyte [19]. 


2.1.2. CeO2-based electrolytes 

Electrolytes based on cerium dioxide (e.g. GDC — gadoline 
doped ceria, SDC — samarium doped ceria) have a fluorite struc- 
ture, similarly to yttria-stabilized zirconia. Fortunately, the size 
of Ce* ions is sufficient (0.97 A) to form a stable fluorite struc- 
ture, therefore the oxygen vacancies which are created after 
introducing the dopant, are more likely to gather around the 
dopant ions rather than around the cerium ions. As a result, the 
conductivity increases, whereas the activation energy decreases 
(Fig. 2). 

Pure ceria, likewise the undoped zirconia, is characterized by 
a deviation from stoichiometry in the oxygen sublattice (oxygen 
vacancies, CeQ2_y, see Eq. (1)). By way of analogy, it is not a 
solid electrolyte, but practically an electronic conductor. Intro- 
ducing the aliovalent ions into cerium dioxide is followed by 
formation of the oxygen vacancies; this leads to the increase in 
the ionic conductivity. A process of incorporating the trivalent 
ions of the dopant is described by the reaction: 


CeO2 + R203 > Cex, + 2RG, + 50% + Vo** (11) 


Usually the rare-earth oxides and Y203 play the role of the 
dopant, however, it is also possible to use alkali-earth metal 
oxides. Interesting results were obtained when, apart from the 
rare-earth metal oxides, small amounts (of the order of 1 at.% of 
the alkali metal oxides (LizO, Cs2O) were present in the ceria 
matrix [20,21]. Fig. 5 illustrates the electrical conductivity of the 
electrolyte as a function of the ionic radius of the dopant. A dis- 
tinct maximum of the electrical conductivity is clearly visible for 
the dopant with the ionic radius greater than Ce**. The maximum 
appears for divalent and trivalent ions of the dopant. The ions giv- 
ing the most significant rise in the conductivity cause the smallest 
change in the lattice parameters, as compared with the undoped 
CeO>. As can be seen in Fig. 5 samarium and gadolinium ions 
are the most promising candidates for the dopants. 
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Fig. 5. The influence of the ionic radii of the dopants over the ionic conductivity 
of the CeO based electrolytes [22-24]. 
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The qualitative description of the changes in the ionic conduc- 
tivity of ceria-based electrolytes is similar for different dopants. 
A characteristic maximum, appearing between 10 and 20at.% 
of the dopant is observed [20,25]. This behavior arises from the 
formation of the associated point defects {Smce—Vo** }* when 
the concentration of a dopant exceeds a certain value. As a con- 
sequence, the mobility of oxygen vacancies decreases. There is 
a minimum in the activation energy for the concentration of Sm, 
which is accompanied by a maximum on the conductivity of the 
electrolyte. A certain rise in the conductivity can be achieved, if 
samarium ions together with gadolinium ions [26] or a greater 
number of the dopants are introduced concurrently into the ceria 
lattice [21,27]. 

The application of the ceria-based electrolytes is impeded 
mainly because of an increase in the electronic conductivity 
in reducing environments. Taking into consideration the struc- 
ture of the ionic defects in Ce1_yGdyO02_y2 electrolyte, one 
can see that the range of the oxygen partial pressure, where 
the electrolyte is a purely ionic conductor, is much narrower 
(1-1078 atm), as compared with the zirconia-based electrolytes, 
as it was shown previously. The presence of the electronic 
component of the conductivity of ceria originates from a sta- 
ble valency of Ce** in a fluorite type structure and can be 
explained on the basis of first-principles quantum mechanical 
simulations [28]. Conversely, the Zr>* is not stable in the flu- 
orite type structure. The behavior of ceria dioxide in reducing 
atmospheres can be described with a model of the reversible 
CeO2—-—Ce203 reduction mechanism [28]. In CeO, 4 valence 
electrons of cerium (6s75d!4f!) are transferred to the 2p band 
of oxygen, while in Ce203 one electron of cerium remains on 
the Ce f! level. The density of states calculations for CeO? indi- 
cate that there is an empty, narrow band Ce f°, located in the 
energy band gap between the valence band and the conductiv- 
ity band (Fig. 6). The elementary stage of the reduction process 
of CeO2 to Ce203 (CeOq.s) is the formation of a single oxy- 
gen vacancy. The FP-LMTO-GGA (Full Potential Linear Muffin 
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Fig. 6. The process of an oxygen vacancy formation in ceria [28]. 


Tin Orbitals Generalized Gradient Approximation) calculations 
revealed that, energetically, the formation of the oxygen vacancy 
is most favorable in the proximity of two Ce** ions (0.26 eV as 
compared with 4.55eV for the perfect crystal). This, in turn, 
would lead to the formation of 2Ce*+—Vo°** associates. The for- 
mation of an oxygen vacancy is drawn schematically in Fig. 6. 
In reductive environments oxygen atoms are released from the 
CeO? crystal, leaving two electrons, which are localized on 
the f level of two neighboring cerium ions. Concomitantly, the 
ceria ions Ce** are converted into Ce** (Fig. 6) and the oxy- 
gen vacancy is formed. Oxygen diffuses from the bulk to the 
surface of the crystal, which is tantamount to the diffusion of 
the oxygen vacancies to the crystal interior. Electrons follow the 
oxygen vacancies and localize in their proximity; as a result, 
the Ce** states are formed uniformly across the volume of the 
crystallites and are responsible for electronic component of con- 
ductivity. The reduction process of CeO? at low oxygen partial 
pressures can be regarded as the formation of complex defects 
Ce3*-Vo**, their movement and ordering. 

Two different approaches to this problem were proposed. 
One is to cover the CeO> electrolyte at the anodic side with 
a protective layer, e.g. BaCe; _+Sm,O03_, [29] or YSZ [30]. The 
second approach is to introduce several different dopants instead 
of one, which in turn leads to the improved stability to reductive 
atmospheres [21]. A simultaneous doping of the materials from 
CeO2-Sm system with Li, Cs or Ca ions causes the increased 
degree of disorder in the system and the decrease of the bonding 
energy of the dopant-oxygen vacancy associates. As a result, 
the ionic conductivity is improved and the electrolytic range is 
shifted towards more reductive atmospheres (107!4 atm). 

The electrical conductivity of CeO -based materials is 
strongly affected by the so-called space charge effect. Therefore, 
if the grain size approaches a nanometric scale, the electronic 
component of the conductivity becomes more significant and the 
dominating charge carriers are changed from ions to electrons 
[31,32]. For the zirconia electrolyte an inverse situation occurs, 
where a decrease in grain size results in the enhancement of 
the ionic conductivity and the improvement of parameters of 
the electrolyte [33]. The investigations [32] confirmed that the 
transition to a nanometric scale for the cerium dioxide leads 
to a decrease in the energy band gap. The donor levels, result- 
ing from the deviation from stoichiometry in oxygen sublattice, 
become shallower and the electronic component of conductiv- 
ity appears. Certainly, these facts should be taken into account 
when fabricating the materials with the grains of a nanometric 
size or in very thin layers. 

Another approach to maximize the ionic conductivity the 
electrolyte is creation of “sandwich-like” structures with very 
thin (30-50 nm) alternating layers of two different ionic conduc- 
tors. In case of optimized (Ce, Sm)O2—CeO? superlattice [34,35] 
over an order of magnitude increment of ionic conductivity in 
relation to single thin film was presented. 


2.1.3. Bi203 

The 6 phase of Bi2O3, occurring within the temperature range 
of 729-825 °C exhibits one of the highest oxygen conductiv- 
ity among all the materials investigated so far (Fig. 2). Since 
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the phase exists only within a narrow range of temperature 
and is susceptible to reduction in non-oxygen atmospheres into 
metallic bismuth, the unmodified Bi4O3 is not applied as the 
electrolyte for high temperature fuel cells. 


2.1.4. LaGaO3-based electrolytes 

The materials based on LaGaO3 with the perovskite struc- 
ture are potential electrolyte materials, due to their remarkably 
high oxygen ion conductivity [36] (Fig. 2). In particular, 
Lag.9Srg.1Gag.sMgo.203—5 is commonly referred to as an excel- 
lent electrolyte material. The ionic conductivity of these 
materials is few orders of magnitude higher than YSZ. However, 
a successful implementation of the LaGaO3 for the commercial 
applications requires a further improvement of their chemical 
stability. Under the cell operating conditions two adverse effects 
are observed: at the interface between the electrolyte and the 
anode the compound that contains nickel-LaNiO3 is formed, 
negatively altering the cell performance [37]. Secondly, at the 
temperatures higher than 800°C, under the reductive atmo- 
spheres, LaGaO3 decomposes, due to a high volatility of Ga203 
[38]. Although the application of this material has some disad- 
vantages, it has been implemented in SOFC cells with the powers 
up to 3.5 W cm””. In these cells the composite electrolytes were 
used, comprising of LSGM layer covered with a thin film of 
CeO» doped with Sm [39]. 


2.1.5. New potential electrolyte materials 

Apart from the oxides with a fluorite or perovskite struc- 
tures, other oxide materials are also taken onto consideration 
for the application as an electrolyte for SOFC. The com- 
pounds with apatite structure described by a general formula 
Aq1o0(MO4)602+, (A =rare-earth or alkaline-earth ions, M = Si, 
Ge, P, V) may serve as an example. Among the examined 
compounds Lajo(Si04)602+y exhibits one of the highest elec- 
trical conductivities (1.08 x 10-*Scm7! at 700°C, Fig. 2), 
with the transference number of the oxygen ions close to one. 
Even though the properties of these oxides are inferior to other 
materials at the temperatures above 600°C, their ionic conduc- 
tivity decreases rather slowly with the decreasing temperature 
and gradually becomes higher than the conductivities of other 
electrolytes below 500°C. A plausible explanation behind the 
oxygen ion conductivity is the interstitial mechanism, resulting 
from the excess of oxygen [40,41]. A characteristic feature of 
this group of compounds is the possibility of various modifica- 
tions of their properties by doping with different ions. The main 
drawback arises from the difficulty in obtaining dense sinters and 
a change in the mechanism of ionic conductivity, resulting from 
the change of dominating defects type (from interstitial oxygen 
ions to oxygen vacancies); this in turn leads to a decrease in the 
ionic conductivity. 

Another group of the materials showing a high conductivity 
of the oxygen ions are the compounds with the structure of a 
brownmillerite type [13,42,43]. This structure can be derived 
from a perovskite structure, if a 1/6 of the oxygen atoms is 
removed and exchanged with the ordered oxygen vacancies. 
BazIn2O5 serves as a typical example of the compounds of 
the brownmillerite structure. These compounds undergo an 


order—disorder transformation at about 800°C, which is asso- 
ciated with the location of oxygen vacancies on the atomic 
planes [101]. The material could be competitive as compared 
to other electrolytes for SOFC, under the condition that a tran- 
sition temperature would be reduced. This can be achieved by 
incorporating the dopant both into Ba and In sublattice [13]. It 
can be seen that at low temperatures BazIn2Os absorbs water; as 
a result, the protonic conductivity occurs. This gives an oppor- 
tunity for the application of this material in SOFC as a protonic 
electrolyte. 


2.2. Cathode materials 


In classical SOFC with a zirconia-based electrolyte, working 
at 1000 °C, a Lay_,Sr,MnO3 oxide plays the role of the cathode. 
This compound is of a perovskite structure and is usually referred 
to as LSM. LSM is characterized by a high, practically purely 
electronic conductivity. However, at lower temperatures, the effi- 
ciency of LSM cathode is significantly decreased. Therefore, a 
new class of the cathode materials enabling the reduction of the 
SOFC operating temperature down to 600 °C is at the focal point 
of the vast number of researchers. Among a wide group of mate- 
rials which are potentially useful for this purpose, the majority 
of them crystallize in perovskite structure [44]. This type of 
the structure, together with its derivatives is often characterized 
by the presence of a rhombohedral or tetragonal lattice distor- 
tion. It is also responsible for the effective transport of electrons, 
owing to the overlapping 3d orbitals of the transition metal in an 
octahedral position with 2p orbitals of oxygen atoms. The ionic 
transport is also possible and it occurs via oxygen vacancies. 
The possibility of a high, mixed ionic—electronic conductivity 
of some of the perovskites is highly desirable, because it may 
improve the effectiveness of the cathode performance in SOFC 
within the lower temperature range. The mechanism of the pro- 
cesses, occurring at the electrolyte/electrode interface when the 
electrode material shows only an electronic conductivity (e.g. in 
LSM), is presented in Fig. 7a. Three elementary stages can be 
distinguished: 


1. The adsorption of oxygen at the active centers on the surface 
of the cathode material. 

2. A surface diffusion process of the adsorbed oxygen towards 
a three-phase boundary (tpb; electrolyte/electrode/oxygen). 

3. The reaction of incorporation/reduction of the adsorbed oxy- 
gen to a lattice oxygen ions. 


Because of the absence of the conductivity via oxygen ions 
in the cathode material, the oxygen reduction is restricted to 
a one-dimensional three-phase boundary tpb. In practice, the 
reaction is spread out over a few nanometers area from the tpb. 
This leads to a “bottle neck” effect, leading in turn to consid- 
erable limitations of power output of the SOFC. It is possible 
to decrease the cathode polarization (i.e. the reduction of elec- 
trical losses related to the cathode processes) of the SOFC, if 
the length of a tpb is increased. This can be done by tailoring 
the microstructure of the composite, comprising of the electrode 
and the electrolyte. However, in order to achieve the acceptable 
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Fig. 7. Schematics of electrode processes occurring at the electrolyte/cathode 
material interface. (a) In case of pure electronically conductive cathode material. 
(b) In case of mixed ionic—electronic conductivity of the cathode material. 


polarizations at lower temperatures, a different approach must 
be taken. 

A crucial factor for IT-SOFC cells is the implementa- 
tion of the perovskite material, characterized by the improved 
ionic—electronic transport for a cathode. This is associated with a 
more complex chemical composition and a disordered structure 
in a sense of a perfect long-range order [45] that often leads 
to a strongly correlated transport mechanism of oxygen and 
peculiar functional properties. Many perovskites exhibit large 
flexibility of the structure, resulting in a bewildering variety 
of physicochemical properties and are frequently referred to as 
“inorganic chameleons”. The materials characterized by a high 
mixed ionic—electronic conductivity can be obtained by chang- 
ing the chemical composition, which results in a completely 
different mechanism of the cathode processes (Fig. 7b). Apart 
from the electrode reaction that occurs for LSM and is related to 
tpb, the competitive processes occur, namely the incorporation 
and reduction of the adsorbed oxygen at the oxygen vacancies 
sites on the entire surface of the cathode material. The lattice 
oxygen diffuses towards the electrolyte via oxygen vacancies, 


across the whole volume of the cathode material, leading to the 
enhancement of these processes (Fig. 7b). 

Two major groups of compounds with a perovskite struc- 
ture can be classified as potential materials for SOFC 
operating within the temperature range of 600-700°C: 
Ln1—xSrxCo1—yFeyO3—5 (where Ln — e.g. La, Sm, Nd, Gd, 
Dy) [46-52] and Lni_,A;yMi_„MnyO3_5 (where Ln — e.g. 
La, Nd, Pr; A — Ca, Sr; M — a 3d metal other than Mn) 
[53,54]. Also, the compounds: La; _+xSryNi,_„FeyO3_5 [55,56] 
and LaNij_„Co;O3_5 [57] are currently under examinations. 
The compounds of LSCF group are based on strontium-doped 
LaCoO3_3, which shows a quite high ionic—electronic con- 
ductivity up to 650Scm7! at 800°C. This material, however, 
exhibits a relatively high coefficient of thermal expansion, much 
higher than the coefficients of the electrolyte materials suitable 
for the application in SOFC (i.e. GDC, LSGM, YSZ). Thermal 
expansion coefficients of the materials from Laj_,Sr,FeO3_5 
group are considerably low and close to those of the electrolytes; 
still, their conductivity is not satisfying. Nonetheless, it is possi- 
ble to combine the benefits of those materials when using mixed 
perovskites LSCF, although there is a general disagreement in 
the literature on the optimal composition of Co:Fe and La:Sr 
[46,47,58]. The compounds of the LaNij _yCoyO3—5 type seem 
to be promising materials owing to their metallic conductivity. 
However, these materials show notably lower thermal stabilities. 
Also, in this case the influence of nickel on the ionic conductiv- 
ity of the material is not fully apprehended. On the other hand, 
the compounds described by a general formula LaNij _yFeyO3—5 
appear to be particularly attractive for this application, since they 
exhibit a comparatively high electrical conductivity and suitably 
low thermal expansion coefficient. 

Baj _xSryCoj_yFey,O03_5 (BSCF) [59] shows interesting 
properties and is successfully implemented for a prototype 
single chamber fuel cell [60,61]. Outstandingly high pow- 
ers of over 1300mWem"* are achieved at 600°C using 
porous Bag sSry,s5Cog.gFeg203_5 cathode and dense 10 um 
Gdo.1Ce0.901.95 [62] or even higher (over 1900 mW cm”* at 
600°C) using Smo.6Sro.4CoO3_5 fabricated on the surface of 
5 um LSGM electrolyte with 400 nm thick SDC buffer layer 
[39]. 

An important aspect, yet not completely understood, is the 
presence of 3d cations on a high oxidation state in the cath- 
ode material. These ions are capable of catalyzing the cathode 
reactions, considerably augmenting the effectiveness of cathode 
performance [63-65]. 

A microscopic mechanism of the catalytic process of the oxy- 
gen reduction has not been yet entirely explored. It has been 
established that the rate of the oxygen adsorption on the cathode 
material depends on the concentration of oxygen vacancies and 
quasi-free electrons in the cathode. A deviation from stoichiom- 
etry towards the oxygen deficiency introduces defect centers, 
the ionization of which leads to a change in the concentration of 
charge carriers. Therefore, the oxygen nonstoichiometry and the 
presence of dopants shift the position of the Fermi level [66,67], 
which, according to the electronic theory of catalysis is a vital 
factor for catalytic activity of the cathode material. The magni- 
tude of the oxygen nonstoichiometry is related to the synthesis 
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conditions (i.e. temperature, the oxygen partial pressure) and the 
type and concentration of the dopant [68—71]. 

In order to examine the mechanism of the oxygen reduc- 
tion, in this paper a complex studies over the structure of the 
ionic and electronic defects, resulting from the deviation from 
stoichiometry or doping with different ions, are carried as a 
function of the temperature and the oxygen partial pressure. 
The results allow for the design of the functional properties of 
perovskite-type oxides—the perspective cathode materials of a 
high electrochemical effectiveness for IT-SOFC. 

Fig. 8 presents the temperature dependence of the elec- 
trical conductivity and the thermoelectric power for chosen 
perovskites from the LSCF group: Lao.gSro.2Coo,2Feo.g03_5 and 
Lag.6STg.4Cog.2Feg.g03_5 measured in air. For the base oxide 
LaCog.2Feg.g03—5, the ions of cobalt and iron are in Co?* (3d°) 
and Fet (3d°) states. By substituting 0.2 mole of La** with 
Sr?* in Lag gSrg,2C00.2Feg.803—5, the valency of a Co** ions is 
increased to Co**. A qualitative, schematic representation of the 
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Fig. 8. Temperature dependence of (a) the electrical conductivity 
and (b) the thermoelectric power of LaggSrg2Cog2Feg.gO3-5 and 
Lag.6Sr9.4C00.2Feg.g03_5 measured in air. 
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Fig. 9. Schematic representation of the electronic structure of the (a) 
Lag.8Sr9.2C00.2Feg.gO03—5 and (b) Lag.6Srg.4C00.2Feg.g03—_5 perovskites. 


electronic structure of the Lag.gSrg.2C00.2Feg.g803—5 perovskite 
is shown in Fig. 9a. The observed electronic properties of this 
perovskite (Fig. 8) can be explained in terms of this model. 
According to the model a charge transport proceeds in a narrow 
band to, (Co, Fe) via localized states (electronic holes), with 
energies close to Fermi energy. The resulting activation energy 
of the conductivity (Fig. 8a) is close to 0.07 eV and is identi- 
fied with the activation energy of the holes movement in the 
narrows tz, band. The increasing strontium content in the lan- 
thanum sublattice up to 0.4 mol for the Lag.6Srg.4C009.2Feg.803—5 
composition additionally increases the average valency of iron 
(therefore Co**, Fe**, Fe** are present) and leads to the enhance- 
ment of the conductivity of one order of magnitude. As a result, 
the thermoelectric power characteristic is typical for metallic 
properties (Fig. 8b). This behavior can be ascribed to lowering 
of the Fermi level into a tg band, resulting from the increased 
strontium content (the t2g electron concentration is diminished 
as the iron valency increases). Consequently, the Fermi level is 
shifted into a much broader O 2p band (Fig. 9b). 
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Fig. 10. Equilibrium dependences of (a) the electrical conductivity and (b) the 
thermoelectric power of Lag gSrg.2C00.2Feg.803—5 as a function of the oxygen 
partial pressure at 500, 650, 800, 950°C. 


The observed drop in the electrical conductivity above about 
730°C for both compositions Lag,gSrg.2C09.2Feg.g03—5 and 
Lag.6ST9.4C09.2Feg.g03—5 (Fig. 8a) is related to the formation 
of oxygen vacancies and recombination effect. This hypoth- 
esis will be subsequently confirmed by the results of the 
isothermal measurements of the electrical conductivity and ther- 
moelectric power, as a function of the oxygen partial pressure 
under the conditions of thermodynamical equilibrium. Fig. 10 
shows the electrical conductivity and thermoelectric power of 
Lao.gSro.2Coo.2Fep.g03_3, as a function of the oxygen par- 
tial pressure for a few chosen temperatures. It can be seen 
that at 650°C the defects in the oxygen sublattice have not 
been formed yet. A distinct change in the conductivity and 
thermoelectric power, resulting from changes in the oxygen 
partial pressure and indicating the oxygen vacancies forma- 
tion is observed above 800°C. This is a so called Tamman 
temperature, i.e. above this temperature defects resulting from 
the deviation from stoichiometry are formed. The analogous 
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Fig. 11. Equilibrium dependences of (a) the electrical conductivity and (b) the 
thermoelectric power of Lag,6Srg.4Co09.2Feg.803—5 as a function of the oxygen 
partial pressure at 500, 650, 800, 950°C. 


dependencies for a perovskite oxide with higher strontium con- 
tent Lag,6STg,4C00.2Feg,.g03_5 are exemplified in Fig. 11. A 
noticeable difference exists between the values of the elec- 
trical conductivity and thermoelectric power measured as a 
function of the oxygen partial pressure for the compositions: 
Lag.gSrg.2C00.2Feg.803-5 and LaQ.6Srg.4C00.2Feg.803—5 (see 
Figs. 10 and 11). With the increasing strontium content the elec- 
trical conductivity and thermoelectric power undergo distinct 
changes with varying oxygen partial pressures already at 650°C. 
This signifies the growing concentration of oxygen vacancies, 
owing to the instability of Fe** in a perovskite-type structure. It 
is noteworthy that the obtained dependencies between the elec- 
trical conductivity, thermoelectric power and the oxygen partial 
pressure (Figs. 10 and 11) are unusual for a nonstoichiomet- 
ric oxide. For perovskite type oxides, a decrease of the oxygen 
partial pressure results in an increase of the oxygen vacan- 
cies concentration, according to the relation [Vo**] ~ p027!” 
(n=6), which can be derived on the basis of the point defects 
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Fig. 12. Relationship between the electrical conductivity and the concentration 
of oxygen vacancies for Lag,6STg,.4C00.2Feg.gO3—5 perovskite (oxygen nonstoi- 
chiometry data from [71]). 


theory. On the contrary, the exponent calculated for the relation- 
ship between the conductivity and the oxygen partial pressure 
(Fig. 11a) is of the opposite sign (a ~ pO2'/”), Therefore, with 
the growing concentration of the oxygen vacancies the electrical 
conductivity decreases, which was demonstrated for the exper- 
imental relationship between the electrical conductivity and the 
concentration of oxygen vacancies (donors) (Fig. 12). It can 
be seen that the electrical conductivity decreases with a grow- 
ing deviation from stoichiometry. Consequently, the electrons 
originating from the ionization of donors (i.e. oxygen vacan- 
cies) are unable to reach the conductivity band and recombine 
with holes in the valence band (effective carriers), causing a 
decrease in their concentration. As a result, the thermoelectric 
power of Lag,6Srg.4C00.2Feg.g03—5 is of a positive sign and is 
lower than for Lag,gSro.2C00.2Feo.803—5 (Fig. 8b). The process 
can be described by the following equations: 


Oo = Vo** + Że + 1/202, 2M"+ +2e7 = 2M(" D+ 


The recombination process is responsible for the observed 
drop in electrical conductivity for both the materials at high 
temperatures (Fig. 8a); an increase in the oxygen vacancies 
concentration and a decrease in concentration of the effective 
electronic charge carriers. Moreover, for the studied materi- 
als, Lag.g Sr0.2C00.2Fev.8 O3_5 and Lag.6S10.4C00.2Feg.803—5 the 
electronic component of the electrical conductivity is much 
higher than the ionic component. 

Fig. 13 presents thermal dependencies of the elec- 
trical conductivity and thermoelectric power of the per- 
ovskites from the LSCFN group: LaCo4/3Fe1/3Ni1/303_5 and 
Lao.9Sro,1Co4/3Fe1/3Ni1/303_5, measured within the temper- 
ature range of 130-930?C in air. The results obtained 
at high temperatures, i.e. at and above 500°C corre- 
spond to the conditions of thermodynamic equilibrium. 
For LaCo1/3Fe1/3Ni1/303_53 a simple, activated mechanism 
of the electrical conductivity is observed. With the grow- 
ing temperature the conductivity slightly decreases. For 
LaCo1/3Fe1/3Ni1/303_5 the following oxidation states should 
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Fig. 13. Temperature dependence of (a) the electrical conductiv- 
ity and (b) the thermoelectric power of LaCo4/3Fe1/3Nij;303-5 and 
Lag.9Srg.1 C01/3Fe1/3 Ni1/303_5 measured in air. 
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be considered: Co**(3d5), Fe3*(3d7), NiI”*(3d7) or Co**(3d°), 
Fe**(3d7), Ni?*(3d$). The estimated activation energy, together 
with the nature of the thermal dependency of thermoelectric 
power indicates that the conduction occurs in more than one 
electronic band. The obtained activation energy of the electrical 
conductivity is equal to 0.07 eV and can be identified with the 
energy band gap between tz, and eg band (0.14 eV) (Fig. 14). 
The transport occurs simultaneously via holes in the tzg band 
and the electrons in the eg band. A substitution of La with Sr 
(Lag.9Srg.1Co1,3Fe1/3Ni1,303—5) leads to the enhancement of an 
average valency of the transition metal ions, leading in turn to 
improved transport properties, i.e. an increase in the electrical 
conductivity of one order of magnitude (Fig. 13a). Also, one 
can note that for the composition Lag,9Srg.1 Co1/3Fe/3Ni1/303—5 
the activation energy of the electrical conductivity is dimin- 
ished, therefore the energy split between the tog and eg 
bands equal 0.05 eV. This can be associated with the observed 
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Fig. 14. Schematic representation of the electronic structure of the LSCFN 
perovskites. 


decrease in the lattice parameter with the growing content of 
strontium (5.4890 A for LaCoq,3Feq,3Ni1,303—5 and 5.4828 A 
for Lag.9Srg.1Co1/3Fe1/3Ni1/303—5). Above about 730°C for 
both compositions a decrease in the electrical conductiv- 
ity with a growing temperature is observed; moreover, for 
Lag.9Stg,1Co1/3Feq,3Ni,,303_5 a drop in the electrical con- 
ductivity is more significant. This behavior can be accounted 
for by the results of the electrical conductivity and ther- 
moelectric power measurements for both compositions. The 
measurements were carried out at a varying oxygen partial 
pressure and at a constant temperature, under the conditions 
of thermodynamic equilibrium (Figs. 15 and 16). By com- 
paring the results obtained for LaCoq,Feq,3Ni,,303_5 and 
Lao.9Sro,1Co4/3Fe1/3Ni1/303_5 one should note significant dif- 
ferences between the structures of ionic defects, related to the 
oxygen nonstoichiometry. The electrical conductivity and ther- 
moelectric power for LaCo4/3Fe1/3Ni,/303_;5 practically do not 
depend on the oxygen partial pressure up to 800 °C, denoting that 
the oxygen is immobilized in the lattice within this range of tem- 
peratures. The Tamman temperature for LaCo1/3Fe1/3Ni1/303_3 
is of the order of 900°C. A substitution of some lanthanum by 
strontium (0.1 mol per mole) leads to an increase in the con- 
centration of oxygen vacancies, which is reflected by a strong 
correlation between the electrical conductivity and thermoelec- 
tric power and oxygen partial pressure (Fig. 16). A plausible 
explanation behind the increasing oxygen nonstoichiometry 
prior to introducing Sr? ions to LaCo1/3Fe1/3Ni,/303_5 struc- 
ture is, that it is difficult to acquire a higher valency in case 
of the transition metal ions. In LaCoq,3Feq,3Ni,1/303—5, corre- 
sponding oxidation states of the transition metal ions are Co**, 
Fe**, Ni** or Cott, Fe**, Ni?*. Introducing Sr>* would require 
a higher valency of iron, from Fe** to Fe**, which is unstable 
in this structure. The resulting changes in the electrical conduc- 
tivity and thermoelectric power in function of oxygen partial 
pressure (Figs. 15 and 16) are analogous to the previously dis- 
cussed oxides of a perovskite type, belonging to the LSCF group. 
Hence, the deviation from stoichiometry towards oxygen defi- 
ciency causes a decrease in the concentration of the effective 
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Fig. 15. Equilibrium dependences of (a) the electrical conductivity and (b) the 
thermoelectric power of LaCo4/3Fe1/3Ni1/303-5 as a function of the oxygen 
partial pressure. 


electronic charge carriers. At high temperatures, the drop in the 
electrical conductivity observed for both the materials (Fig. 13a) 
can be ascribed to a recombination effect (the increase of the oxy- 
gen vacancies concentration with the growing temperature and, 
concomitantly, the decreasing concentration of the electronic 
charge carriers). Similarly to LSCF group in the case of the 
perovskites from LSCFN group the electronic component of the 
electrical conductivity is much higher than the ionic component. 

The enhanced efficiency of SOFC, apart from the modifi- 
cation of the chemical composition and ionic defects structure 
of the cathode materials, can be achieved by the optimization 
of the electrode microstructure. For the cathode material, it is 
vital to increase the surface area of the interface between the 
electrode and the electrolyte. In practice, one or more layers 
of a mixed composition are introduced between the electrode 
and the electrolyte. For a certain cathode material, the feasi- 
bility of technological applications, apart from transport and 
catalytic properties previously described, is also related to other 
important features of the material. In particular, a thermal and 
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Fig. 16. Equilibrium dependences of (a) the electrical conductivity and (b) 
the thermoelectric power of Lag.9Srg1 Co1/3Feq/3 Ni1/303—5 as a function of the 
oxygen partial pressure. 


chemical resistance, mechanical stability of the porous struc- 
ture, non-reactivity towards the electrolyte, matching of the 
thermal expansion coefficients of a cathode, an electrolyte and 
an interconnector; finally, a good adhesion between the cathode 
and electrolyte are crucial for the successful implementation in 
SOFC. Problems concerning the industrial fabrication are of the 
equal importance, especially simplified methods of manufactur- 
ing, repeatability of the synthesis process and the design of the 
microstructure, as well as economical and ecological aspects of 
the technology. 


2.3. Anode materials 


In the earliest solutions for SOFC, single-phase materials 
were used as anodes, such as graphite, iron oxide, platinum 
metals or transition metals. Unfortunately, these materials were 
highly susceptible to corrosion and degradation processes and 
suffered from a mismatch of the thermal expansion coefficients 


between the anode and zirconia electrolyte. Furthermore, the 
combustion process of the fuel proceeded only at the three- 
phase boundary: gas-electrode—electrolyte. The Ni/YSZ cermet 
has been used as the anodic material for SOFC for over 30 
years [72-74]. This material exhibits a mixed ionic—electronic 
conductivity, favoring the combustion of the fuel practically in 
the whole volume of the porous anode. The ionic conductivity 
results from oxygen ions transport via oxygen vacancies in YSZ. 
The electronic component of conductivity is related to the pres- 
ence of the metallic nickel in the anodic material. For 30% of Ni 
a percolation path is formed, leading, in a microscopic scale, to 
metallic properties of the anodic material. Simultaneously the 
coefficient of thermal expansion of the cermet towards the elec- 
trolyte is only slightly altered. Metallic nickel is an excellent 
catalyst for hydrogen oxidation; it also catalyses the reforming 
of methane with steam. A survey over the Ni/YSZ system under 
the operating conditions of a cell [6] indicated the necessity of 
a further optimization of the microstructure. The passage of the 
electric current leads to nickel agglomeration, leading in turn to 
a serious decrease the electrochemical efficiency of the anode. 
Nickel has also another serious drawback, because of its quite 
high catalytic activity towards cracking of higher hydrocarbons, 
what in turn leads to carbon deposition and lowers effectiveness 
of anode process in the cell. Therefore, new anodic materials 
of a cermet type are explored, less active towards cracking of 
hydrocarbons. For the latest technological solutions, cermets 
such as Cu/CeO2, Cu/CeO2/YSZ were proposed [73]. CeO2 
plays the role of a catalyst in the fuel oxidation process and 
prevents the release of carbon. The application of a ceria-based 
cermet has a major drawback arising from the lattice expansion, 
which occur at a low oxygen partial pressure. This is accom- 
panied by the reduction of Ce** to Ce**. Investigations [73] 
indicate that a heavy doping with the ions of lower valency, 
such as Sm** or Gd** up to Ceo.6Smo,402 composition effec- 
tively eliminates this effect, while the electrical conductivity is 
only slightly decreased. These results are consistent with our 
work [27]. 

The results found in literature show that, in the case of hydro- 
carbons oxidation processes, the efficiency of the anodic reaction 
is insufficient. The oxidation reaction of hydrocarbons is affected 
by the pressure of the water steam, depending on the rate of the 
processes occurring in the cell. As far, the mechanism of this 
oxidation reaction has not been fully explored. Knowledge of 
the catalytic mechanism of the oxidation reaction of hydrocar- 
bons is of key importance for designing the anodic material 
characterized by a high efficiency. However, it involves measur- 
ing techniques which pose technical difficulties, such as Raman 
spectroscopy or IR spectroscopy carried in situ under operating 
conditions of the cell. 

Potential candidates for anodic materials are transition metal 
oxides which belong to perovskite group, described by the for- 
mula La;_,Sr,CrO3_5. So far, these compounds were used as 
interconnectors for SOFC. They show a mixed electronic—ionic 
conductivity, which is essential for the anode material, and are 
stable at low oxygen partial pressures. Transport and catalytic 
properties of these materials are usually modified by substituting 
chromium with other transition metals: Laj_,Sr,Crj_yMyO3_5 
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(M=Mn, Fe, Co, Ni). However, an extended research over the 
optimization of chemical composition and microstructure, as 
well as maximizing the electronic conductivity and enhancing 
the chemical stability in reductive atmospheres is necessary. 


3. Conclusions 


The future of SOFC is associated with the reduction of the 
working temperature down to about 600-700 *C. Innovative 
technologies must be implemented in order to produce the elec- 
trode and electrolyte materials working effectively within the 
desirable temperature range. This requires the development of 
new electrolytes and electrode materials, operating effectively 
at these temperatures. Designing and modelling the functional 
properties of the oxide electrolytes and electrode materials char- 
acterized by a high catalytic activity is possible on the basis of 
the theory of nonstoichiometric defects and the analysis of their 
electronic structure. The functional gradient junctions between 
the cathode and the electrolyte may help in decreasing the elec- 
trical resistance of the interface and in mutual matching of the 
thermal expansion coefficients. 
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